ABSTRACT: Mixtures of 1D carbon nanotubes and 2D nanosheets are important in electrochemical applications where the nanosheets are the active material, while the nanotubes provide electrical conductivity and mechanical reinforcement. While the conductivity of such nano:nano composites has been studied, the mechanical properties have not. Here we report a detailed study of the structural, electrical and mechanical properties of composites of MoS2 nanosheets mixed with carbon nanotubes at various volume fractions, . Microscopic analysis reveals the nanotube network to evolve from a loosely connected structure for <1% to a strongly entangled continuous structure for >1%. Significantly, while the network consists of low (~200) aspect-ratio bundles for <1 vol%, above this value entangled ropes predominate, with the aspect ratio rising sharply with increasing , reaching ~4700 for the 6.4 vol% sample.
INTRODUCTION
Nanocomposites that consist of a matrix phase combined with a nanoscale filler material have been studied intensely for decades. Possibly the most well-studied nano-scale filler materials are carbon nanotubes 1, 2 and graphene nanosheets 3, 4 which, among other things, have been used to improve the electrical, thermal and mechanical properties of matrices. There are a number of classes of nanocomposite including polymer-matrix, ceramic-matrix and metal-matrix nanocomposites. 5 However, one property that these systems have in common is that the matrix is usually a continuous phase in which the filler particles are embedded. This paradigm has recently been disrupted by the rise of a new class of composite, which we refer to as the nano:nano composite.
Nano:nano composites are mixtures of two different nanomaterials, for example carbon nanotubes and 2D nanosheets, 6 and are fundamentally different to standard nanocomposites.
Because both components are nano-structured and neither is continuous, the definition of matrix/filler is not predetermined by structural considerations. In addition, these composites are extremely porous which lends them to specific applications, for example in electrochemical devices where electrolyte can be introduced into the pore volume. 7 Such applications cast light on the attractiveness of nano:nano composites. As an example, while silicon nanoparticles have exceptionally-high theoretical lithium storage capabilities, their low electrical conductivity results in very poor performance for battery electrodes fabricated from nanoparticle films.
However, the addition of small amounts of graphene has been shown to increase the electrode conductivity, thus dramatically increasing battery performance. 8 Thus, the role played by the materials can be used to define matrix and filler, with graphene playing the role of the filler in the previous example. This allows us to define subclasses of nano:nano composites in terms of the filler and matrix dimensionalities. For example, the graphene-silicon nanoparticle composite described above would be a 2D:0D nano:nano composite (or 2D:3D, depending on Si particle size). A large number of papers have appeared over the last few years reporting 2D:2D, 9-11 1D:2D, 12-14 2D:0D, 15, 16 1D:0D 17, 18 and even 2D:1D:0D systems, 19 primarily for use in applications such as battery [12] [13] [14] or supercapacitor electrodes 20, 21 or photo/electro catalytic systems. 22, 23 The most common fillers in nano:nano composites are nanotubes and graphene, whose primary role is to boost the conductivity of the matrix on order to facilitate charge distribution. 7, 24, 25 However, it has become apparent, that mechanical reinforcement is just as important as conductivity enhancement. 14 There are a number of reasons for this. In particulate-based films 4 poor mechanical properties make it impossible to fabricate arbitrarily thick electrodes from solution-processed nano-particles due to mechanical instabilities above a well-defined thickness known as the critical crack thickness (CCT). 26 Also, in battery and supercapacitor electrodes, repeated charge/discharge cycles can result in stress generation leading to electrode fragmentation, while bubble formation due to gas evolution in catalytic electrodes can also result in mechanical degradation. 27 While these problems can all be addressed by adding polymer binders, it has recently been shown that improved performance can be achieved at much lower additive levels using nano-fillers such as carbon nanotubes. 28 However, while the mechanical advantages of nano-fillers in nano-matrices have been recognised, 7, 24, 25 virtually nothing has been done to characterise the mechanical properties of such systems. Very few papers have reported measurements of mechanical properties of nano:nano composites, 11, 14, 22 and none have engaged in mechanistic analysis. We address this gap here by performing detailed mechanical measurements and analysis on a model 1D:2D composite comprising carbon nanotubes in a matrix of MoS2 nanosheets. We chose a 1D filler with the expectation that nanotube entanglement would lead to significant reinforcement while the matrix was selected due to the considerable potential for 2D materials in electrochemical applications. 29 We find considerable reinforcement with >10-fold increases in the composite stiffness, strength and toughness at loadings of <10 vol%. Most interestingly, we observe a structural transformation, leading to the development of a robust nanotube network at ~1 vol%.
This leads to mechanical percolation, which has a significant impact on the composite mechanical properties.
RESULTS AND DISCUSSION

1D:2D nano:nano composites
The MoS2 nanosheets were produced by liquid phase exfoliation 30, 31 in the solvent Nmethyl-pyrrolidone (NMP) and were a few monolayers thick and had a mean lateral size of ~340 nm ( figure 1A ). The nanotubes (figure 1B) were sourced commercially and dispersed by sonication in dimethylformamide (DMF figure 1F ). 32 The MoS2-only films were extremely brittle, frequently fragmenting on handling ( figure 1G ). However, the film stability increased markedly with nanotube addition, with composites containing >1 wt% nanotubes being extremely robust ( figure 1H ).
SEM analysis (figure 2 A-E) showed all films to consist of disordered arrays of nanosheets that are partially aligned in the plane of the film ( figure 2A,C,D) . As observed previously, such networks appear to contain significant porosity ( figure 2D ). 30 When imaging the surface of composite films, cracks were sometimes observed that were bridged 14, 33 by networks of one-dimensional objects formed from nanotubes aggregated into bundles or ropes (figure 2B). These bundles/ropes could also be observed protruding from film edges and fracture surfaces ( figure 2E ). In all cases, the nanotube-containing network appeared to be uniformly distributed and well mixed. More detailed analysis of SEM images will be presented below.
Structural and electrical properties
The filler volume fraction, , is an important parameter for the analysis of composite systems. These 1D:2D composites differ from more commonly studied systems, such as polymer-nanotube composites, in that they contain significant porosity as mentioned above.
This means  must be defined carefully, with the most natural definition being: /
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where VNT and VFilm are the total nanotube and total film volumes. The film volume can be more fully described by
 with VNS and VP representing the total nanosheet and pore volumes respectively. Within this definition, the matrix consists of the nanosheets plus pores. The volume fraction can then be related very simply to the mass fraction as:
We measured the density of all films, finding values close to 2100 kg/m 3 .
This allowed us to calculate , which is plotted versus Mf in figure 3A . By considering the masses and volumes of the individual components, as well as the porosity /
can find an expression for the film density which leads to a relationship between  and Mf:
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Fitting equation 1 to the data in figure 3A gives a mean film porosity of P  =56% (taking nanotube and nanosheet densities of NT=1400 kg/m 3 and NS=5060 kg/m 3 ). This porosity value is similar to values found for both solution-processed nanosheet-only 34 and nanotube-only 35 networks and is large enough to make these composites attractive for a number of applications, such as in electrochemical devices where electrolyte can be introduced into the considerable pore volume. 36 We note that, even though equation 1 fits the data in figure 3A reasonably well using a Mf-independent, mean porosity, this may mask small systematic porosity variations. To test this, we used equation 1 to calculate P direct from the -Mf data. This data is plotted versus
Mf in figure 3A , inset and shows a systematic variation, characterised by a well-defined minimum at ~1wt%. Although the details of this Mf-dependent porosity are not understood, this minimum will be mentioned again below.
We measured the in-plane electrical conductivity of all composite samples, finding an increase from ~10 -5 S/m for MoS2 to 8000 S/m for the highest loading sample (figure 3B). Such data are usually described using percolation theory, a framework where the conductivity increases only above the percolation threshold, c,e. This corresponds to the critical volume fraction where the first complete nanotube path spanning the sample appears. Above this threshold, the composite conductivity, e, scales as: 
where e,0 is related to the nanotube conductivity and ne is the electrical percolation exponent.
As shown in figure 3C , this equation fits the data well. Notably the percolation threshold is quite low (c,e=0.16%) while the exponent (ne=2.1) is close to its universal value of 2.0. 37 In polymer-based composites, ne is often 38 >>2 with the deviation attributed to a broad range of junction resistances due to the presence of polymer chains in the vicinity of nanotube-nanotube junctions. 39, 40 Here, the particulate nature of the MoS2 matrix allows for intimate contact of nanotubes at junction sites, narrowing the range of junction resistances and leading to an exponent very close to its universal value.
For completeness we also measured the out-of-plane conductivity of the 5.8 vol% SWNT:MoS2 composite, finding a value of ~1 S/m. This value (figure 3B, blue square) is far below the in-plane value, showing these composites to be highly anisotropic with the nanotubes predominately aligned in-plane. In addition, we measured the conductivity of a 5 wt% Graphene:MoS2 composite, finding a very low value of ~10 -4 S/m. This is consistent with the 7 fact that graphene-filled composites display much higher percolation thresholds than nanotubefilled composites. 32 The higher attainable conductivity of nanotube-filled over graphene-filled nano:nano composites is a substantial advantage, especially if significant in-plane alignment occurs.
Mechanical properties
While the electrical properties of 1D:2D composites have been reported, 32, 36 their mechanical properties remain almost completely unexplored. This is a significant gap because of the importance of mechanical robustness for the use of 1D:2D nanocomposites in applications such as battery electrodes. 14 We performed tensile tests on a number of composite strips ( figure 4A ) for each volume fraction. In addition, we measured the mechanical properties of SWNT-only films (often referred to as Buckypaper) for comparison. Tensile stress-strain curves were measured for a range of films with a subset of curves shown in figure 4B (see SI for a discussion of the difficulties associated with such measurements). We found the MoS2-only sample to be so fragile that it was impossible to get reliable mechanical data from it. The composite stress-strain curves were slightly sublinear with a clear increase in stress at all strains as nanotube content is increased. From the curves, it is possible to extract the composite elastic modulus, Ec, tensile strength, c, strain-at-break, c, and tensile toughness, Tc (equal to the area under the stress-strain curve and equivalent to the energy absorbed up to fracture). These data are plotted as a function of nanotube volume fraction in figures 4C-F. In the next few paragraphs we will describe the data qualitatively with detailed analysis coming later in the paper.
The extracted Young's moduli are plotted versus  in figure 4C . This plot shows a nearlinear increase in Ec up to ~1%, after which Ec appears to fall slightly before then increasing again, reaching ~1 GPa for the 9.4 vol% composite with the value for the SWNT-only film appearing to be in line with this trend. Shown in figure 4D is a graph of composite strength plotted versus . The lowest loading level composite (=0.16 vol%) was extremely weak with a strength of ~0.5 MPa. However, on the addition of nanotubes the strength increased continuously, reaching ~5.5 MPa for the 9.4 vol% sample. Although this maximum strength is well below the SWNT-only value of ~35 MPa, this >10-fold increase in strength transforms the material from being too brittle to handle to being mechanically robust, resembling a thermoplastic. Interestingly, we found the strength to scale sublinearly with  as a well-defined power law with exponent close to 1/2. This is in contrast to most reported polymer-nanotube 8 composites, which tend to display a linear increase of strength with , at least at low volume fraction. 41 The strain-at-break, c, is plotted versus  in figure 4E . Here we see a well-defined fall-off in c with nanotube content, from c ~2% at low , reaching a minimum of c ~0.5% at =1 vol%. Above this volume fraction c rises again, reaching c ~2% at =4-8 vol%.
Interestingly, the breaking strain appears to fall off at higher values of , leading to a value of ~1% for the SWNT-only films. Finally, the tensile toughness is plotted versus  in figure 4F .
This parameter was initially ~5 kJ/m 3 , roughly invariant with nanotube loading up to ~1 vol%.
However, above =1 vol% the toughness increases sharply, reaching ~45 kJ/m 3 for the 6.4 vol% sample. Again, the toughness-value measured for the SWNT-only sample was in line with this trend. We note that the toughness is particularly important from an applications standpoint, with a recent report linking increased toughness with enhanced stability in 1D:2D battery electrodes. composite compared to the 2D:1D composites. We believe this is a geometric effect linked to the fact that while nanotubes can entangle, graphene nanosheets cannot.
We have also compared these results to literature data for the mechanical properties of similar materials, namely nanotube paper, graphene paper and nano-cellulose-graphene composites (see SI). We find the mechanical properties of our NT-only material to be consistent with published NT-Buckypapers but somewhat inferior to both graphene paper and other nano:nano composites such as nano-cellulose/graphene hybrids. In the latter case the superior mechanical properties are almost certainly linked to the strong hydrogen bonding found in nano-cellulose-based systems.
It is clear from figure 4 that the data for the modulus, strain-at-break and toughness all display a discontinuity at ~1% (the strength data contains a less obvious discontinuity at ~1 vol%) which is reminiscent of the porosity minimum observed in figure 3A . For the modulus data, the maximum in Ec, that occurs here around 1 vol%, is usually taken to imply that the aggregation state of the nanotubes changes at this volume fraction. In addition, the changes in 9 both the c and Tc behaviour at =1 vol% are consistent with a changeover of fracture mechanism at this loading level. To understand the nature of this change, it will be necessary to examine the morphology of these composites.
Network morphology
To investigate the mechanism of the change in mechanical properties at =1 vol%, we performed an extensive SEM characterisation of the planar and fracture surfaces for composites with a range of nanotube loading levels. Shown in figure 5A-F are representative images for both low (<1 vol%, top row, A, C, E) and high (>1 vol%, bottom row, B, D, F) nanotube loading levels. These images are separated into those collected from planar surfaces (A-B),
fracture surfaces (C-D), and images of surface cracks (E-F), which afford a limited view of the composite interior in a state which is not influenced by fracture. In all cases, these images show similar trends. At the lowest loading levels (figure 5 A, C, E) the images show relatively small numbers of isolated 1D objects, which we assume to be small bundles (individual nanotubes are rarely found in liquid exfoliated samples produced without ultracentrifugation unless the concentration is very low). 42 However, for the higher loading level samples (figure 5 B, D, F), all bundles appear to belong to a dense network that extends throughout the sample. This high- network appears to consist of one-dimensional objects that are somewhat thicker than those observed for <1 vol%. In addition, while it is impossible to assess the length of the onedimensional objects directly from the SEM images, those in the >1 vol% composites appear much longer than those in low nanotube-content composites.
In order to understand this transition from individual bundles to a collective network of fibres it is necessary to know how the dimensions (diameter, DF, and length, LF) of the onedimensional objects observed in SEM scale with . The 1D fibre diameter can be readily measured from SEM images (see SI for histograms) with the resultant means plotted versus  in the inset of figure 5G. Here we find the bundle diameter to be constant at DF5 nm for <1%.
However, above 1 vol%, we see a smooth increase, reaching DF=15 nm for =6.4 vol%. This implies that above 1 vol%, nanotube aggregation becomes important. We found it impossible to directly measure the length of the one-dimensional fibres because very few were found with both ends visible in a single image. However, it was possible to indirectly measure the length of the 1D fibres by noting that the number of fibre ends per unit area is given by:
NA is the number of 1D fibres per unit area. In addition, the 10 total length of all 1D fibres contained in a given area is given by:
LF is the mean length of the 1D fibres. Combining these definitions gives:
Crucially, both F,T / LA and /
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NA can be measured from SEM images (see SI), leading to an estimate of the mean fibre length, LF. Shown in figure 5G is a plot of the length of the 1D fibres as a function of . At low values of , LF~1 m, a value typical of small bundles of nanotubes. However, for >1 vol%, LF increases sharply, reaching ~70 m for =6.4 vol%. This dramatic increase in length, coupled with the slight diameter increase means that the aspect ratio (LF/DF) of the 1D objects changes dramatically from ~200 for <1 vol% to ~4700 for the 6.4 vol% sample. This change would be expected to have significant mechanical implications.
We believe these data can be explained as follows. At volume fractions below the electrical percolation threshold (c,e=0.16%), the nanotube bundles are either isolated or exist in small network fragments. It is only when the volume fraction reaches c,e that the network of nanotube bundles first spans the sample, allowing current to flow. However, while networks just above c,e are conducting, it is thought that they are not mechanically robust, largely because the average number of inter-bundle junctions is too low. For example, while two junctions per bundle is the minimum required to transfer charge, ~4 are required to yield mechanical stability of the nanotube network as a whole. 43 Thus, there is a range of volume fractions, just above c,e, where the nanotube network requires the presence of the matrix to ensure its stability. In this -range the nanotube network is effectively embedded in the matrix, and behaves similarly to a polymer-or ceramic-matrix composite. However, in nanocomposites such as these 1D:2D composites, where the matrix is mechanically very weak and so cannot retard reorganisation of the filler during film formation, we expect new behaviours to emerge as the volume fraction is increased further. We propose that a critical value of  exists where the nanotube network transforms from a poorly interconnected "weak" state to a heavily interconnected state that is mechanically robust. This "strong" network will consist of extremely long ropes comprised of entwined bundles. Such a transition is schematically depicted in figure 5H . We would expect these ropes to be strongly entangled, with the overall network resembling a nanotube Buckypaper, but with larger inter-rope pores that are occupied by nanosheets (and free volume). In such a system, we would not expect to be able to identify individual nanotube bundles due to their near complete integration into the rope network. We denote the critical -value, where the network transitions from weak to strong, as the mechanical percolation threshold, c,m, and propose that, for c,m, all mechanical properties of the system are essentially those of the nanotube network with minimal contribution from the matrix. The data in figure 5G would imply that c,m~1 vol%. Interestingly, c,m is close to the nanotube loading level associated with the porosity minimum shown in the inset of figure 3, providing further evidence of the morphological basis of this transition.
It is interesting to note that electrical conductivity data (figure 3B-C) appears to be completely un-perturbed by the morphological transition which occurs at c,m. This implies that, although the transition from a short-fibre composite-like structure to a network-like structure has significant mechanical implications, it hardly affects the current-carrying capability of the network.
It is difficult to image the transition directly from a weak to strong network because the presence of nanosheets (~95-99.9% by mass) tends to obscure the nanotube network structure.
However, we note that a similar process has been observed by other groups. For example, Song et al. 44 performed experiments building up SWNT-only films by successive dip coating. Their published SEM images clearly show that after 100 dips, the network is weak, consisting of criss-crossed bundles whose individual character is clearly visible. That is, individual bundles contributing to the network can be seen and many bundle ends are observable. However, after 400 dips, the network noticeably changed in character: the network now consists of much thicker objects which are ropes of entwined bundles. These ropes display Y-shaped bifurcations that act like inter-rope junctions but would be expected to be much more robust. In addition, the network appears to be continuous: it is impossible to identify individual bundles and no ends can be seen. We believe these characteristics also apply to the SWNT network in 1D:2D nano:nano composites.
Modelling mechanical properties
With this transition between weak and strong networks in mind, we can develop simple yet quantitative models to describe the mechanical properties of 1D:2D nano:nano composites such as these.
Modulus:
At low loading, we expect the composite to consist of a sparse network of weakly interacting small bundles in a matrix of MoS2 nanosheets. Assuming that some stress can be transferred across the nanosheet/nanotube interface, the modulus of such a composite, Ec, can be described by the rule of mixtures incorporating shear lag theory:
where o is the filler orientation efficiency factor, L is the filler length efficiency factor, EF is the filler modulus and EM is the matrix modulus. Within the framework of shear lag theory, L is given by: 5
where LF and DF are the filler length and diameter while:
where M is the Poisson ratio of the matrix.
Assuming EM<<EF, we follow the method of Young et al. 45 by Taylor-expanding the hyperbolic tangent and combining equations 3a, 3b and 3c to give:
This equation is expected to apply well to composites with low modulus matrices 45 and, as can be seen in figure 4C , fits the data extremely well for <1%. Taking M=0.5 and o=3/8
(appropriate when the fillers are aligned in-plane 46 ), the fit yields LF/DF=17530, a value which is in line with the data in figure 5G . In addition, this fit gives a matrix modulus of ~16 MPa, reasonably close to the previously reported stiffness of MoS2 nanosheet networks (26±7 MPa). 14 However, this model clearly does not apply for >1% where we expect the nanotubes to form into an entangled network that can bear load independent of the matrix. The original version of shear-lag theory was designed to describe just such a system 47 and is now widely used to model bonded-fibre networks such as those found in paper. Provided a fibre network is dense enough, the modulus can be modelled using (see SI): 48
where c,m is a constant which can be thought of as the mechanical percolation threshold. In figure 4C , we have fitted equation 5 to the data for >2 vol% (fixing c,m=1.2 vol% and taking 13 o=3/8). This gives a good match to the data for EF=294 GPa. Interestingly, the SWNT-only data point sits close to this line, as would be expected for a model describing fibre networks.
We note that this theory is thought to somewhat underestimate the true fibre modulus, 48 and indeed this modulus value is considerably smaller than the value of ~100 GPa reported for bundles/ropes with diameter ~10-15 nm. . 41 The strength of fibre networks is usually described by models such as that of Page. 50 However, the Page equation implies a near-linear relationship between strength and fibre volume fraction (see SI) and so is inconsistent with our data.
After a comprehensive search of the literature, we found a family of models that predict a sublinear c- relationship for fibre-reinforced composites. However, published models incorporate all three failure processes and do not provide a good fit to our data. We found that by considering only two failure mechanisms, we could obtain an equation that described the experimental data very well (see SI). We modified the approach of Lees at al. [51] [52] [53] 
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We can make the approximation that M    , the matrix strength, while  can be found from the rule of mixtures. For an aligned fibre composite the rule of mixtures states that the strength is given by:
Here F is the fibre (in this case a nanotube bundle) strength while L,S is the strength efficiency factor. The efficiency factor takes one of two values, depending on whether the fibre length is above or below a critical value, Lc. This value is given by: figure 5G ). The former value is reasonably consistent with previous work which measured the strength of MoS2 networks to be 0.24±0.06 MPa.
14 While MF is within the reported range for filler-matrix interfacial shear strengths, 56 it is considerably smaller than values of 20-60 MPa usually found for polymer-15 nanotube composites. 56 Thus, it should be emphasised that values of MF~4 MPa would imply the interfaces between matrix and filler to be relatively weak. This is as-expected for a discontinuous matrix which should display less intimate contact with the bundle surfaces compared to polymer-nanotube composites. 57, 58 Fitting the data above 1 vol%, we find F=1.20.1 GPa, a value which is consistent with literature reports that show SWNT bundles to have strengths of a few GPa. 54, 55 Combining these fibre strength and shear strength values shows that the ropes found in the composites for >1 vol% have critical aspect ratios of ~200. With reference to the data in figure 5G , this means that composite failure will begin to occur via fibre failure once the volume fraction exceeds 1%, where ropes form and LF/DF surpasses 200.
We can test the credibility of this value for bundle strength by using it to estimate the internanotube interfacial shear strength, NT. We loosely follow the methodology of Vilatela et al., 59 making slight modifications. Failure of a nanotube bundle or rope tends to be via pullout of the nanotubes from their sockets. The force required to pull out each nanotube is the interfacial shear strength, NT, times the pullout area:
where DNT is the nanotube diameter and LNT is the nanotube length. The factor of 2 comes from the fact that, on average, half the nearest neighbours of a given nanotube are attached to the same side of the fracture surface and so are stationary relative to it. The factor of four comes from the fact that the embedded length which is pulled out can vary between zero and LNT/2 and so has a mean of LNT/4. The bundle or fibre strength is the total force due to all nanotubes intersecting the fracture surface divided by the cross sectional area:
where DF is the bundle diameter and
( / )
F NT DD represents the number of nanotubes intersecting the fracture surface. The factor of 2 in equation 6e is in addition to the one described above and is required to avoid double counting. Taking F=1.2 GPa, DNT~1 nm and LNT~ 1 m yields NT~4.8 MPa. This value is reasonable and agrees with the results of Vilatela's literature review which finds interfacial shear strengths in graphitic systems to cover a broad range centred on ~5 MPa. 59 The data in figure 4C and 4D imply fibre moduli and strengths of 29 GPa and 1.2 GPa respectively. Assuming the bundle stress-strain response to be roughly linear, this implies the 16 bundle breaking strain to be ~4.5%. This is reasonably in line with the data in fig 4E which shows the composite breaking strain (due to bundles with a range of orientations) to be <2%.
This implies the fibre modulus and strength values extracted from the models are broadly selfconsistent but suggests the fibre modulus to be somewhat underestimated as described above.
Strain-at-break:
The data for strain-at-break as a function of  shown in figure 4E is very interesting and offers strong evidence for a change in the nanotube network structure at ~1%.
While it is difficult to develop quantitative models for breaking strain in composites, some points can be made. In the low- regime, where we expect the nanotube network to be weak, we see a clear fall-off in breaking strain with . Such behaviour is typical of polymer-nanotube composites. 41 This can occur for a number of reasons. For example, the presence of stiff filler particles can significantly constrain the matrix and reduce its ability to deform, 5 a factor that is particularly apparent for soft matrices. 60 The increasing breaking strain observed above ~1 vol% is extremely unusual in composites. However, such behaviour is common in networks of 1-dimensional fibres. A study of paper (i.e. a network of cellulose fibres) densified under different pressures has shown the most dense (highest fibre volume fraction) networks to have the highest breaking strain. 61, 62 This is a general phenomenon and has been linked to the increase in the overall inter-fibre bonded area with volume fraction. 62 Taken together, this interpretation of the strain-at-break data strongly supports the idea of a transition between weak networks resembling filler-matrix composites at low- to strong, continuous networks resembling fibre networks at high-.
Toughness: By definition, the tensile toughness is the work done per unit volume in stretching the sample to breaking point. Most of this work goes into increasing the elastic potential energy of the stretched sample. For brittle materials most of this energy is recoverable, although for real materials some plastic deformation will occur, for example by irreversible nanotube reorientation. In addition, for a viscoelastic material, some of the elastic energy will be dissipated.
Upon fracture, a portion of the elastic energy is used to create the fracture surface. This allows us to relate the work of fracture per unit area, W/A, to the toughness via the gauge length, L0:
is the fraction of elastic energy which goes into creating the fracture surface. We would expect f to depend on  and L0 as well as other factors such as the structural properties of the composite.
As shown in figure 4F , the toughness is relatively constant for <1%. This is interesting as it implies that any increase in W/A associated with increasing the nanotube content for <1% is balanced by changes in f. However, for >1% the toughness increases rapidly with nanotube content, implying that W/A then increases much faster than f. From SEM images such as those shown in figure 5D , it is clear that composite failure occurs via failure of nanotube ropes. The most likely failure mechanism is by nanotubes within ropes pulling out of their sockets 33 
where MF  and NT  are the shear stresses at the matrix-nanotube (i.e. bundle edge) and nanotube-nanotube (i.e. bundle interior) interfaces. Normally, the total work of fracture for the composite would be found by multiplying this quantity by the number of bundles crossing the fracture surface (N/A). However, close to the mechanical percolation threshold, not all of these bundles will be fully connected to global nanotube network. We propose that these unconnected bundles do not fully contribute to the work of fracture and should be neglected.
This means the overall work of fracture is given by:
where P() is the fraction of those bundles connected to the main network. In percolation theory, P() is known as the percolation probability and scales from P()=0 at low  to P()=1
For 1D:2D composites, we found above thatM F NT  , while in general NT F DD  , allowing us to make the approximation:
Within percolation theory, there is no analytical expression for P(). However, we assume it can approximately be written in the form: 
By fitting the Tc vs  data for 1%<<6.4%, we have found that
where C is a dimensionless constant (at least over the examined -range).
This means that:
Using this function, we have fitted the data in figure 4F for >1 vol% (black line). We find an extremely good fit which gives k=0.47, c,m=1.2% and, taking DNT~1 nm and LNT~ 1 m, yields / NT C  =21.6 MPa. Interestingly, the SWNT-only data point sits close to this line as would be expected for a model describing fibre networks. If we assume NT  is similar to the interfacial shear strength estimated above using the strength data, we can estimate C~0. 22 . This implies that at =10%, for example, only ~2.2% of the stored elastic energy is converted to work of fracture.
This toughness data, combined with the model described above are particularly interesting.
This data clearly exhibits percolation-like behaviour and, unlike the modulus and strength data, shows a sharp increase with nanotube content only once the volume fraction exceeds c,m=1.2%. This is important because in some applications, such as the stabilisation of battery electrodes, 14 tensile toughness is the key parameter. This data clearly shows that meaningful increases in toughness cannot be achieved until the percolation threshold is surpassed.
CONCLUSIONS
In conclusion, we have performed a detailed mechanical analysis on composites of liquid exfoliated nanosheets mixed with carbon nanotubes. Such composites consist of interpenetrating disordered networks of nanosheets and nanotubes and display a porosity of ~56%, independent of nanotube content. For nanotube volume factions below 1%, the nanotube network is comprised of small bundles with aspect ratios of ~200. However, above this volume fraction, the network undergoes a transformation to a more continuous network dominated by extremely long ropes with aspect ratios of up to 4700. This transition has a significant effect on the mechanical properties. Below 1 vol%, the modulus, strength, breaking strain and toughness behave in a manner similar to that observed for polymer-nanotube composites.
However, above 1 vol%, the behaviour shifts to resemble that of a fibrous network. In general adding nanotubes yields significant increases in mechanical properties. Compared to the nanosheet matrix, addition of 5 wt% nanotubes leads to increases in modulus, strength and toughness by 55, 70 and 10 respectively. These increases transform the properties of the material, rendering it robust and suitable for a range of applications. 
MATERIALS AND METHODS
Materials
Preparation of MoS2 Stock Dispersion
As part of an initial cleaning step, eight grams of MoS2 in 80 ml of NMP was sonicated for 1 hour using a horn-probe tip sonicator (Sonics Vibra-cell VCX-750W ultrasonic processor)
operating at 60 % amplitude. The dispersion was processed in a 100 ml stainless steel beaker under ice cooling with the tip pulsed at 4 s on and 4 s off to avoid damage to the processor and 20 overheating of the solvent. The resulting dispersion was then placed into three 28 ml glass vials and centrifuged for 60 minutes at 4900 RPM (240 g Hettich Mikro 220R, fixed angle rotor) to isolate the purified MoS2 in the sediment. The supernatant was discarded and the sediment was redispersed in 80 ml of NMP and sonicated for a further 6 hours (60 % amplitude, pulsed at 4 s on and 4 s off). The resulting dispersion was then centrifuged for 1 hour at 1000 RPM to remove unexfoliated material. The sediment was reused for further exfoliation. The dispersion supernatant was decanted and centrifuged for a further 2 hours at 4900 RPM. The NMP supernatant was then decanted and the MoS2 sediment in each vial was redispersed in 10 ml of DMF using an ultrasonic bath (Thermo Fisher Scientific, FB11201, 37 kHz).
Preparation of SWNT:MoS2 Stock Composites
Twenty milligrams of P3-SWNTs were added to 20 ml of DMF at a concentration of 1 mg/ml.
The dispersion was sonicated for 2 hours in a tapered-probe sonic tip (25 % amplitude, 750 W ultrasonic processor) pulsed at a 6-2 on/off ratio. As both the MoS2 and SWNTs were dispersed in the same solvent, we could readily mix the dispersions to form composite dispersions of any desired ratio. The concentration of the MoS2 dispersion was determined by filtration onto an alumina membrane and weighing. By directly mixing the SWNT dispersion with a predetermined concentration of MoS2 dispersion, a series of SWNT:MoS2 composites with SWNT content ranging from 0 -6 wt% were formed.
Characterisation
High resolution images of the prepared SWNT:MoS2 composites were obtained using a Zeiss Ultra Plus scanning electron microscope. An accelerating voltage of 2-3 kV, with a 30 μm aperture at a working distance of 3-5 mm was used. Bright-field transmission electron microscopy was performed using a JOEL JEM-2100 LaB6 TEM operated at 200 kV. The samples used in the TEM measurements were dispersed in 2-propanol and dropped onto holey carbon grids on a filter membrane to absorb the excess solvent. Statistical analysis of the TEMmeasured flake dimensions was performed by measuring the longest axis of each nanosheet and assigning it as the length, followed by a measurement along the axis perpendicular and assigning it as the width. Raman measurements were performed using a Horiba LabRam HR800 spectrometer. The 632.8 nm excitation wavelength was used with a laser power below 0.2 mW on a spot size of 1.5 µm. The signal was collected using a 100 objective lens (0.8 numerical aperture) and a 600 grooves per millimetre grating was used in order to achieve a spectral resolution of approximately 1.2 cm -1 . Measurements were performed at room temperature and no degradation or heating effects were observed at the chosen laser fluence.
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Each spectrum is the average of 4 measurements with the signal acquisition time being 30 seconds for samples having a SWNT loading of ≥ 0.6 wt% and 120 seconds for all others. The standard deviation was calculated by measuring a minimum of 20 spectra in random positions along the sample, for each sample.
Film Formation and Electrical and Mechanical Measurements
Composite dispersions were vacuum filtered onto PETE membranes and dried overnight at room temperature. The free-standing composite films were then peeled off and cut into strips 2.5 mm wide. Film thicknesses in the range 20-50 μm were measured using a digital micrometer. Because of their extremely poor mechanical properties, the very low mass fraction films were produced with higher thicknesses to increase the breaking forces. Mechanical measurements were recorded using a Zwick-Roell tensile tester (Xforce P, 100 N load cell) at a strain rate of 0.5 mm/min. Electrical conductivity values were calculated from resistance measurements using the four-point probe technique with a source meter (Keithley 2400, Keithley Instruments Inc.). Each mechanical and electrical data point is the average of 4 measurements. The films were also used for Raman spectroscopy and scanning electron microscopy. 
